The defect chemistry of different ordered intermetallic compounds with the A 3 B stoichiometry was investigated. Three groups were distinguished according to their crystal structure: L1 2 compounds (Ni 3 Al, Ni 3 Ga, Pt 3 Ga, Pt 3 In), D0 19 compounds (Ti 3 Al), and D0 3 compounds (Fe 3 Al, Ni 3 Sb). Statistical-thermodynamic models were derived based on a Wagner-Schottky approach, and the calculated activity curves (thermodynamic activity vs. composition) were compared with experimental activity data. In this way, we attempted to obtain at least estimated values for the energies of formation of the different types of point defects present in the corresponding compound, both as configurational defects (which are responsible for nonstoichiometry) and as thermal defects. In the majority of cases, thermodynamic activities had to be determined experimentally in the present study, using either an emf method with a solid electrolyte (Ni 3 Ga, Pt 3 Ga, Pt 3 In, Fe 3 Al) or a Knudsen cell-mass spectrometric method (Ni 3 Sb).
INTRODUCTION
Ni-based superalloys are a group of metallic materials that are of considerable technological interest. Generally, they are based on different intermetallic compounds of Ni, but many of them consist of a combination of γ (disordered fcc (Ni)-phase) and γ ' (ordered L1 2 -type Ni 3 Al phase) [1] . They are used, for example, in turbines due to their excellent high-temperature mechanical and corrosive properties, but they are also used for many other structural applications. Coherent precipitates of the ordered L1 2 Ni 3 Al phase are one key component, and the particular properties of this intermetallic compound are certainly influenced also by its structure on the atomic level (i.e., by its degree of order in the crystal lattice, which changes with temperature). It seems to be clear that nonstoichiometry in this compound is mainly caused by antistructure atoms (atoms on "wrong" lattice sites) and that the thermal disorder is based on the same type of point defects. Many more intermetallic A 3 B compounds crystallize in the cubic L1 2 structure, however, most of them are of negligible technological interest, mainly due to weight and price considerations. Nevertheless, it may still be of interest to learn more about the general mechanism of nonstoichiometry in all these compounds and to compare their ordering properties.
There are many more intermetallic A 3 B compounds of interest with different crystal structures (for a general overview, see refs. [2, 3] ), among them nonstoichiometric compounds based on the hexagonal D0 19 -type structure (as, e.g., Ti 3 Al) or those based on the cubic D0 3 -type structure (as, e.g., Fe 3 Al). In all cases, various types of point defects are responsible both for nonstoichiometry as well as for thermal disorder. It is clear that the type and the concentration of the point defects that are present in the crystal lattice will be responsible for many of the properties of these compounds.
Although different experimental and theoretical methods are available to determine defect concentrations in such compounds, each of them has its shortcomings and may break down under certain circumstances. It has been shown for different types of intermetallics (see, e.g., refs. [4] [5] [6] [7] [8] [9] ) that the combination of accurate thermodynamic measurements with appropriate statistical-thermodynamic models can be a very powerful tool to determine the types of point defects present in a nonstoichiometric intermetallic compound and the variation of their concentrations with composition and temperature. In addition, it provides a possibility to, at least, estimate values for the corresponding energies of formation of the different point defects.
Thus, it will be shown for intermetallic compounds with L1 2 , D0 19 , and D0 3 structure how an appropriate statistical-thermodynamic model can be used to evaluate experimental results of thermodynamic activities and to derive information on type and concentration of point defects in the different compounds.
TYPES OF INTERMETALLIC COMPOUNDS
Intermetallics with the L1 2 structure
As mentioned above, Ni 3 Al is one of the prominent examples crystallizing in the cubic L1 2 structure. The most recent version of the Ni-Al phase diagram can be found in refs. [10, 11] , and it seems to be clear now that the eutectic reaction takes place between γ '-Ni 3 Al and B2-NiAl (and not between γ '-Ni 3 Al and γ-(Ni) as shown, for example, in the diagram in Massalski et al. [12] ). The ideal (i.e., perfectly ordered) L1 2 crystal structure itself is shown in Fig. 1 ; it can be derived from the cubic fcc structure, if all corner positions of the unit cell (the β-sublattice) are occupied by B atoms and all face-centered positions (the α-sublattice) by A atoms, yielding automatically the A 3 B stoichiometry.
In addition to Ni 3 Al, a number of other intermetallics with this crystal structure were investigated in the present study (i.e., Ni 3 Ga, Pt 3 Ga, and Pt 3 In).
discussed below, the defect mechanism responsible for nonstoichiometry in Ni 3 Sb seems to be completely different from that for Fe 3 Al.
STATISTICAL THERMODYNAMIC MODELS

Types of models
Various statistical-thermodynamic approaches have been developed in the literature to describe ordered intermetallic compounds. One can distinguish three basic types of models, namely,
• the Bragg-Williams approach [21, 22] , • the Wagner-Schottky approach [23] , and • the quasi-chemical approach (see, e.g., [24] ).
In the present case, the Wagner-Schottky approach was used (for more information on the other types of models, the reader is referred to the corresponding references). It is based on the assumption that the Gibbs energy of the real crystal (which contains various types of defects) can be calculated as (1) where G 0 is the Gibbs energy of the perfectly ordered crystal, G defect is the Gibbs energy contribution of a particular type of point defect (vacancy, antistructure atom, interstitial atom), n defect is the corresponding number of defects, and S conf is the configurational entropy. The defects are assumed to be non-interacting, and very frequently G defect is approximated by the contribution to the internal energy, U defect , neglecting all influences by the point defects on the vibrational entropy and the volume of the crystal. The configurational entropy is usually calculated by the well-known Boltzmann equation
At the end, the Gibbs energy has to be minimized to find its value for the real crystal in the thermodynamically stable state.
Derivation of the model for L1 2 compounds
All details of the derivation of the statistical-thermodynamic model for L1 2 phases can be found in the paper by Krachler et al. [25] . According to Fig. 1 , the crystal lattice is divided into two sublattices, the α-and the β-sublattice, where, in the fully ordered crystal, the α-sublattice is occupied by A-atoms and the β-sublattice by B-atoms only. From the figure, it can also be seen that the coordination number of B-atoms (on the β-sublattice) is 12 (i.e., each B-atom is surrounded by 12 A-atoms), whereas the coordination number of A-atoms is 4 + 8 (i.e., each A atom on the α-sublattice has 4 B-and 8 A-atoms as nearest neighbors). If N l is the total number of lattice sites, then there are N α = Usually, interstitial defects do not play any significant role in intermetallic compounds of the type considered here and are therefore entirely neglected.
A so-called grand-canonical approach is used for the derivation, which means that one has an open system (both energy and mass can be exchanged with the surrounding), and the crystal is assumed to have a constant volume, corresponding to a constant number of lattice sites, N l . In such a case, one has to use the grand partition function Ξ 
where µ A and µ B are the chemical potentials of the two components A and B, (N A ) n and (N B ) n are the numbers of A-and B-atoms, and E n is the total energy of the system when it is in the state n. The corresponding thermodynamic potential is the grand potential Ω Ω = -kT ln Ξ
After minimization of the grand potential Ω, one can calculate the chemical potentials (thermodynamic activities) and the defect concentrations as functions of temperature and composition, and as function of the corresponding parameters. In the present case, the defect formation energies
, and E f (V β ) were used as adjustable parameters, where E f (B α ) is the energy necessary to create an antistructure B-atom on the α-sublattice, and so on. These parameters may be determined or, at least, estimated by a curve fitting procedure based on experimental data for thermodynamic activities or defect concentrations.
Application of the L1 2 model to Ni 3 Al
Altogether six different sets of defect formation energies,
, and E f (V Al ), were originally found in the literature for the compound Ni 3 Al [26] [27] [28] [29] [30] [31] , which are listed in the first six rows of Table 1 . They had been obtained by different theoretical methods. These defect formation energies were used as parameters to calculate aluminum activities as a function of composition at 1400 K, based on the statistical model approach outlined above, and the corresponding curves were compared with experimental activity data by Steiner and Komarek [33] . As can be seen from Fig. 4 , the curve which is based on the defect formation energies by Debiaggi et al. [26] gives the best agreement with the experimental data, and this was supported by a second, independent set of experimental activity data by Hilpert et al. [34] at 1600 K (cf. Fig. 3 in ref. [25] ). This apparently suggests that the energy parameters by Debiaggi et al. [26] should be the most reliable of all. Using these parameters, the concentrations of the four different types of point defects were calculated as functions of the composition within Ni 3 Al; the corresponding result is shown in Fig. 5 . It can be seen that the deviation from stoichiometry is practically entirely caused by antistructure atoms on the two sublattices, whereas vacancies play a negligible role: their concentrations are so small that the corresponding curves virtually coincide with the axis in Fig. 5 . This is also reflected by the much higher values of the defect formation energies for vacancies than for antistructure atoms as obtained by all of the authors [26] [27] [28] [29] [30] [31] [32] (cf. Table 1 ). [32] In the following, several theoretical approaches were tested by Schweiger et al. [32] to find out which of them would result in the most reliable set of defect formation energies when compared with experimental activity data. Using the VASP software [35, 36] , it was found that a generalized gradient approximation (GGA) considering structural relaxation effects gave the best results as listed in the last row of Table 1 . It is interesting to note that the average value of the formation energies of antistructure defects by Debiaggi et al. [26] is in excellent agreement with the values by Schweiger et al. [32] , which came out to be equal.
Application of the L1 2 model to Ni 3 Ga, Pt 3 Ga, and Pt 3 In
In order to test the applicability of the model to other L1 2 compounds, experimental emf measurements were performed in the three compounds Ni 3 Ga, Pt 3 Ga, and Pt 3 In to obtain thermodynamic activities of Ga or In, respectively. All details of the experimental method have been described in detail by Yuan et al. [37] ; it is based on a galvanic cell using stabilized zirconia as a solid oxygen-conducting electrolyte The emf of this cell can be combined with literature values [38] for the cell (-) Ga, Ga 2 O 3  ZrO 2 (stab.)  Fe, Fe x O (+) (6) to give the emf of the hypothetical cell
(For practical purposes, the cell type 5 was preferred over type 7 since pure Ga is liquid at the temperatures of the experiments.) From the emf of cell 7, the thermodynamic activity of gallium can be calculated according to eq. 8 (8) where F is the Faraday constant, E is the measured emf value in V, and z is the number of electrons exchanged (which is 3 in the current case). Figure 6 shows the corresponding results for a temperature of 1123 K.
Since no defect formation energies were available in the literature for Ni 3 Ga, they were estimated by fitting a statistical-theoretical activity curve to the obtained experimental values. The full curve through the data points within the homogeneity range of Ni 3 Ga was calculated with the following defect formation energies [37] E f (Ni Ga ) = 0.60 eV, E f (Ga Ni ) = 0.60 eV, E f (V Ni ) = 1.5 eV, E f (V Ga ) = 2.0 eV These values, with energies of formation much larger for vacancies than for antistructure atoms, correspond again to a defect mechanism based on antistructure atoms (i.e., the nonstoichiometry of Ni 3 Ga is caused by antistructure atoms whereas vacancies play a negligible role). 
Similar experiments were performed for Pt 3 Ga [39] and Pt 3 In [40] , and the defect formation energies were determined by a corresponding statistical-thermodynamic evaluation of the obtained activity values. Table 2 lists the defect formation energies of all L1 2 compounds investigated in our laboratory. In all cases, the energies of formation of the vacancies were assumed to be higher than those of the antistructure atoms, following the results of the ab initio calculations for Ni 3 Al [26] [27] [28] [29] [30] [31] [32] . The energies of formation of the antistructure atoms increase from Ni 3 Al over Ni 3 Ga, Pt 3 In to Pt 3 Ga, which indicates clearly an increasing ordering tendency in these compounds in the same sequence, as higher defect formation energies correspond to smaller defect concentrations. 
Derivation of the model for D0 19 compounds and application to Ti 3 Al
As outlined above, the hexagonal D0 19 structure can be derived from the hcp A3 structure by a regular ordering of the two types of atoms A and B. Analogous to the case of the L1 2 structure, the crystal lattice is divided into two sublattices for the statistical-thermodynamic calculations, the α-and the β-sublattice, and the number of sublattice sites is given by N α = 3 /4 N l and N β = 1 /4 N l (cf. Fig. 2 ). From this figure, it can also be seen that the coordination numbers of the two types of atoms are the same as in the case of L1 2 : each A-atom on the α-sublattice is surrounded by 8 A-atoms and 4 B-atoms, whereas each B-atom has 12 A-atoms as nearest neighbors. This means, that from a statistical-thermodynamic point of view, the two crystal structures are analogous and can be treated with the same formalism. Consequently, the model equations for L1 2 phases that were derived by Krachler et al. [25] can be likewise applied to compounds crystallizing in the D0 19 structure. All other details can be found in ref. [43] .
Thermodynamic activities of Al in the composition range of Ti 3 Al were determined experimentally by Samokhval et al. [44] and Reddy et al. [45] (emf method with CaF 2 as solid electrolyte, about 820 to 1010 K), and by Eckert et al. [46] (Knudsen cell-mass spectrometric method, about 1180 to 1430 K). In order to be able to compare the corresponding experimental data, an average temperature of 1123 K was chosen and all activity values were converted to this temperature. Unfortunately, the absolute activity values were in severe disagreement, which was most probably due to the different temperature ranges of the experiments and the errors incurred by converting them to a common temperature of 1123 K. However, if the data sets were normalized with respect to the activity at the exactly stoichiometric composition (i.e., if values of a Al /a Al,0 were calculated), the data became more or less consistent. The resulting activity values are shown in Fig. 7 .
Based on experimental evidence from refs. [47] [48] [49] [50] [51] it was assumed for the calculation of the theoretical activity curves in Fig. 7 that the energies of formation of vacancies on the two sublattices would be rather high compared to those for antistructure atoms. From their positron annihilation study, Würschum et al. derived a value for the vacancy formation enthalpy of 1.55 ± 0.2 eV [47] . Therefore, it was assumed that E f (V α ) = E f (V β ) = 1.5 eV would be a reasonable value for the vacancy formation energies in our calculations. All the corresponding arguments are discussed in detail in ref. [43] .
H. IPSER
In Fig. 7 , three theoretical curves are drawn through the experimental activity data at 1123 K using the following parameter sets
Although the scatter of the data points is considerable, it is probably safe to conclude that the energies of formation of antistructure defects should lie within the indicated range (i.e., between 0.5 and 0.7 eV). There is only one single data point at 35 atom % Al by Eckert et al. [44] with a large deviation. However, one has to keep in mind that the simplifying assumptions of the statistical-thermodynamic model become increasingly less valid with large deviations from stoichiometry where the defect concentrations become large and the defects are certainly not isolated anymore. Therefore, a value of E f (A β ) = E f (B α ) = 0.6 ± 0.1 eV is suggested for the energies of formation of antistructure atoms.
Derivation of the model for D0 3 compounds
Different from the previous cases, the crystal lattice of a fully ordered stoichiometric compound A 3 B with the cubic D0 3 superstructure can be divided into three different sublattices, α, β, and γ, where A-atoms occupy the α-and γ-positions and B-atoms the β-positions (cf. Fig. 3 ). If N l is the total number of lattice sites, then the numbers of sublattice sites are given by
Six types of point defects are allowed in the lattice, and these are antistructure atoms and vacancies on the three sublattices; their numbers are given by N
As a consequence, there are also six different defect formation energies that can be used as variable parameters in the model calculations, namely,
, and E f (V γ ), where E f (A β ) is the energy of formation of an antistructure A-atom on the β-sublattice, with all other definitions correspondingly. All details of the derivation of the model equations can be found in ref. [52] . 
Application of the D0 3 model to Fe 3 Al
The intermetallic compound Fe 3 Al crystallizes in the D0 3 structure at temperatures below 552°C where it transforms into the B2 structure [53] . This means that above the transition temperature the β-and the γ-sublattice become completely disordered with a random distribution of Fe and Al atoms on both of them. This is apparently a consequence of very low energies necessary to form antistructure defects on these two sublattices, which is in perfect agreement with the effective defect formation energies at x Al = 0.25 as obtained by ab initio calculations by Fähnle et al. [54] (see Table 3 ). The α-sublattice remains more or less ordered (i.e., occupied mainly by Fe atoms), which is in line with the much higher value of E f (Al α ). Only at temperatures around 800°C occurs another transformation from the B2-into the A2-type, which results in a complete disorder (i.e., a completely random distribution of Fe and Al atoms over all three sublattices). According to the high values of the effective vacancy formation energies in Fe 3 Al, vacancies do not play any significant role within the stability range of the D0 3 structure, that is, their compositions are much lower than those of antistructure defects on the β-and the γ-sublattice. 
Compound Defect formation energies (in eV)
Ref. Since no experimental thermodynamic data for the corresponding temperature and composition range were available in the literature, the following solid-state galvanic cell was used by Huang et al. [55] for the determination of the partial thermodynamic properties of the D0 3 -phase Fe 3 Al as a function of temperature and composition (-) PtIrAl 0.85 Sn 0.15 , Na 3 AlF 6 CaF 2 Al 1±x Fe 3±x , Na 3 AlF 6 IrPt (+)
The virtual reactions in the left-and right-hand side electrode are, respectively Al (Al-Sn) +3 Na + + 6F --3e -= Na 3 AlF 6 (left)
Na 3 AlF 6 + 3e -= Al (Al-Fe) +3 Na + + 6F -(right)
which results in a total cell reaction
Hence, the measured emf values of the cell are given by (13) where a Al(Al-Fe) and a Al(Al-Sn) are the thermodynamic activities of Al in Fe 3 Al and in the reference Al-Sn alloy. In order to achieve thermodynamic equilibrium within reasonable periods of time, an Al-rich Al-Sn alloy (15 atom % Sn) was selected as a reference electrode. This composition is charac- terized by a two-phase field between practically pure solid Al and a Sn-rich liquid in the temperature range from 774 K (eutectic temperature) to about 873 K [56] . Thus, by definition, the activity of Al is unity in the reference electrode, and eq. 13 reduces to (14) As usual, all partial thermodynamic properties of aluminum could be obtained from the emf and its temperature dependence. Figure 8 shows the experimental activities of Al at 750 K in Fe 3 Al and the neighboring phase fields as a function of composition.
Energy changes for the introduction of point defects in the intermetallic compound Fe 3 Al had been calculated by Fähnle et al. by means of an ab initio method [54] . Neglecting any changes of the vibrational entropy and the volume in the lattice, and with some simplifications, the effective defect formation energies were derived and are listed in Table 3 . Based on the obtained energy values, the variation of ln a Al with composition could be computed, and the result is shown in Fig. 8 together with the experimental data points. It can be seen that the experimental data show a more pronounced increase of ln a Al with rising aluminum content than predicted by these model calculations. The observed discrepancy is most probably due to the neglect of the changes in the vibrational entropy and the volume, as well as to the omission of any influences of the magnetism. Under these circumstances, the agreement is considered very satisfactory.
Application of the D0 3 model to Ni 3 Sb
Ni 3 Sb is a high-temperature phase which is stable between about 530°C and its congruent melting point around 1160°C and between about x Sb = 0.25 and 0.29 [12, 57] . After some confusion in the literature concerning its actual crystal structure, it was shown by Heinrich et al. [58] that Ni 3 Sb crystallizes in the ordered cubic D0 3 -type structure, and this was confirmed beyond doubt by Randl et al. [59] on the basis of powder neutron diffraction experiments between 600 and 1000°C. From a series of investigations, it became obvious that Ni 3 Sb exhibits a very high diffusivity: the nickel atoms in this compound show actually the highest mobility ever observed in a metallic system [60] [61] [62] [63] . This suggests that the concentration of vacancies must be rather high in this compound. Evidence for a high number of structural vacancies came for the first time from density measurements by Heumann and Stüer [60] . This was confirmed by the extensive neutron diffraction study of Randl et al. [59] who concluded that the nonstoichiometric deviation, which occurs only to the Sb-rich side, is entirely caused by Ni vacancies. A high concentration of Ni vacancies was also supported by an ab initio study by Fähnle and coworkers [64, 65] who calculated the effective formation energies for the different types of point defects in Ni 3 Sb. The lowest values were obtained for vacancies on the two Ni sublattices and for Ni antistructure atoms (see Table 3 ). As a consequence, very high concentrations of Ni vacancies were predicted from these calculations, which means that they would be responsible for the nonstoichiometry of Ni 3 Sb to the Sb-rich side.
Since again no thermodynamic data for Ni 3 Sb were available in the literature, a Knudsen cell mass spectrometric method was employed to determine Sb activities within the homogeneity range of Ni 3 Sb and the neighboring two-phase fields. All details of these measurements were described by Popovic et al. [66] . The experimental results (i.e., Sb activities as a function of composition at 1223 K) are shown in Fig. 9 .
For the intermetallic compound Ni 3 Sb energy changes for the introduction of point defects had been calculated by Fähnle and coworkers by means of an ab initio method (supercell with 32 lattice sites) [64, 65] . Again neglecting any changes of the vibrational entropy and the volume in the lattice, and with some simplifications, the effective defect formation energies were derived which are shown in Table 3 . Based on the obtained energy values, the variation of ln a Sb with composition could be computed, and the result is shown in Fig. 9 (dashed line) together with the experimental data points. It can be seen that the experimental data show a more pronounced increase of ln a Sb with rising Sb content than predicted by these model calculations.
In a next step it was attempted to refine the ab initio calculations by allowing a full volume relaxation in the supercell, which resulted in somewhat different energy parameters. The corresponding Comparison of statistical-thermodynamic activity curve with experimental data points; the dashed curve was calculated with the defect formation energies from Fähnle and coworkers [64, 65] based on ab initio calculations with structural relaxation only; for the full curve, a volume relaxation was included in the ab initio calculations (cf. Table 3 ).
effective defect formation energies are included in Table 3 . Based on this new calculation, a steeper curve ln a Sb vs. composition was obtained, which describes the experimental activity data considerably better although a small difference can still be observed (cf. full curve in Fig. 9 ). This small difference may be partly caused by the uncertainty of the activity value at the exactly stoichiometric composition x Sb = 0.25 (which had to be estimated since it is not included in the homogeneity range of the compound), but it may also be partially due to the neglect of all influences of the point defects on the vibrational entropy of the crystal in the model calculations (for a detailed discussion, see ref. [66] ).
All these results indicate that the defect mechanism in Ni 3 Sb is very much different from that of Fe 3 Al. Whereas in the latter compound it is substitution (i.e., antistructure defects on the β-and γ-sublattices) that is responsible for nonstoichiometry and thermal disorder, Ni 3 Sb exhibits a mixed defect mechanism: the main defects are vacancies on the Ni positions (α-and γ-sublattice) and antistructure atoms on the Sb positions (β-sublattice). However, due to the range of homogeneity (which is shifted entirely to the Sb-rich side, 25.8 to 28.4 atom % Sb) only Ni vacancies are important for the nonstoichiometry.
